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14 Abstract
15
16 Li has relatively simple electronic structure but exhibits complex allotropic phase transitions. Atomistic
17 modelling is important to reveal thermodynamic and mechanical properties at grain and interface scales in
18 multi-phase Li. However, extant interatomic potentials have limited accuracy in reproducing properties in
19 the FCC, BCC and HCP phases of Li. Here, we develop a new interatomic potential for multi-phase Li
20 using the classical MEAM approach. The new potential is fit to key properties of all three phases based
21 on both extant and new DFT calculations. An extensive range of simulations are performed to validate the
22 new potential. Good accuracy and transferability are demonstrated in all three phases and over a wide range
23 of temperatures. The current potential is thus suitable for modelling both thermodynamic and mechanical
;é behavior of Li and can be applied generally in a wide range of applications.
26
27
28
29 1. Introduction
22 Being the third element in the periodic table, Li has 3 or 4 neutrons, 3 protons and 3 electrons in the
32 1s and 2s orbitals. This sub-atomic structure makes Li unique in several aspects, such as extraordinarily
33 low density, high specific heat capacity, high reactivity, good conductivity, as well as complex quantum and
34 isotope effects [1]. While the electronic structure of Li is relatively simple, its thermodynamic and mechan-
35 ical properties are rather complex [2]. Li is shown to undergo several allotropic phase transformations at
36 different temperatures and pressures [3]. At low temperatures and pressures, the ground state of Li is con-
37 troversial. The classical phase diagram shows that Li has a rhombohedral 9R-structure below 4 K, an FCC
38 structure between 4-70 K and a BCC structure above 70 K. However, recent experiments [1] suggest that the
39 ground structure of Li is FCC and the rhombohedral structure is metastable. Li also exhibits intriguing me-
40 chanical behavior. BCC Li has strong elastic and plastic anisotropy, as well as unusual size and temperature
41 effects on plastic yielding in contrast to transition BCC metals [4]. Some of these unusual behavior, such as
42 differences between isotopes, have quantum mechanical origin. Many other properties, including high tem-
43 perature phase transitions, plastic deformation and microstructure evolution, is less dependent on quantum
44 effects and may be studied using atomistic simulations with empirical or semi-empirical interatomic poten-
45 tials. For example, atomistic simulations can explicitly model lithiation, deposition or dendrite formation
js processes [5—8], which are crucial for Li anode design for enhanced safety and cyclic performance.
48 The validity of atomistic simulations are limited by accuracies of interatomic potentials. Given the rela-
49 tively simple electronic structure of Li, developing interatomic potentials for Li is perhaps not exceedingly
50 challenging as compared to that for transition metals [9]. In particular, interatomic potentials based on the
51 embedded-atom method (EAM [10]), modified EAM (MEAM [11-13]) or machine learning frameworks
52 may be sufficiently accurate in applications where thermodynamic and mechanical properties are of primary
53 concerns. Nevertheless, existing interatomic potentials have limited capabilities in describing both the FCC
54 and BCC phases of Li. For example, among the 8 interatomic potentials (MEAM [14-18], EAM [19],
55 SNAP [20] and qSNAP [20], see Fig. 1) examined here, only 2 MEAM potentials developed by Kim et
56 al. [14] and Ko et al. [18] have FCC as the ground state structure. The Ko potential reproduces the energy
57
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difference between the BCC and FCC structures in agreement with density-functional theory (DFT) calcula-
tions, i.e., AEBCCFCC = 1,51 eV/Atom. However, the FCC structure of the Ko potential exhibit mechanical
instability; its elastic constants do not satisfy the Born criterion [21] (i.e., C;; < Cj3z), which contradicts
with DFT calculations. The Kim potential has AEZCCFCC = (0.3 eV/Atom, but its BCC structure elastic
constants are substantially different (more than 100%) from experimental/DFT values. Ackland et al. [1]
also developed a potential for Li. Their potential shows FCC as the ground state as well, but is not currently
compatible with the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS [22]). There-
fore, extant potentials are not generally available for predictive modelling of allotropic phase transformation
and multi-phase structures in Li.

In this work, we develop a new interatomic potential suitable for modelling thermodynamic and me-
chanical behavior of multi-phase Li. This new potential uses the classical MEAM and is fit to extensive
properties of BCC, HCP and FCC Li computed using DFT calculations. The DFT computed properties
include equation of states of FCC and BCC Li, generalized stacking fault energy curves and surface deco-
hesion energies of the BCC Li. In the MEAM potential, the parameters are optimised to reproduce these
properties using the particle swarm optimisation (PSO [23]) algorithm. The resulting potential can accu-
rately reproduce the fitting properties, and a broad range of properties outside the fitting dataset, including
phase transitions, thermal expansion coefficients, dislocation core structures and glide behavior. The new
potential thus enables predictive modeling of thermodynamic and mechanical behavior of Li in all three fun-
damental phases. In the following, we first describe the DFT calculations and fitting procedures, followed
by comparisons with existing potentials and further validations with DFT/extant experimental properties.
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Figure 1: Cohesive energy differences of BCC, HCP and FCC Li. (a) BCC relative to FCC. (b) HCP relative to FCC. The red dashed
lines are DFT values and FCC is the ground state structure. The squares are values calculated by extant interatomic potentials for Li
(Kim MEAM [14], Cui MEAM [15], Alam MEAM [16], Groh MEAM [17], Nichol EAM [19], Zuo SNAP and qSNAP [20] and Ko
MEAM [18]).

2. Computational Methods

2.1. DFT calculations

DFT calculations are performed using the Vienna Ab initio Simulation Package (VASP [24-26]). The
exchange and correlation functional is described by the generalized gradient approximation (GGA) with
the Perdew-Burke-Ernzerhof (PBE [27]) parameterization. The core electrons are replaced by the projec-
tor augmented wave (PAW [28]) pseudopotentials. The 2s electrons are treated as the valence-electrons,
whose eigenstates are expanded using a plane wave basis set with a cutoff energy of 400 eV. The eigenstate
occupancy are smeared using the first-order Methfessel-Paxton method [29] with a smearing parameter of
0.2 eV. In reciprocal space, a I'-centered Monkhorst-Pack k-mesh [30] is used with a consistent line density
of 0.027r A~" across all geometries. This k-mesh density leads to, for example, 29 x 29 x 29 for Li in the
BCC Eubic unit cell. Convergence for ionic optimisation is assumed when the atomic forces drop below 1
meV/A.
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Table 1: Supercells used to calculate the surface energy o, generalized stacking fault energy y lines and twin boundary energy yt by
DFT.

Structure Plane Supercell vector Calculation
C1 (%) C3
{100} [1,0,0] [0,1,0] 10[0,0,1] o
{110}y  [1/2,-1/2,1/2] [1/2,-1/2,-1/2] 16[1,0,0] o,y
BCC {112} [1/2,1/2,1/2] [3/2,-1/2,1/2] 26[1,0,0] o,y
{112} [1/2,1/2,1/2] [3/2,-1/2,1/2] 72[1,0,0] Yiw
{

123} [1/2,1/2,1/2] [5/2,-1/2,1/2] 40[1,0,0] o,y

FCC {111} [1/2,0,-1/2] [-1/2,0,1/2] 8[1,1,1] YViw

At large separations, isolated Li atoms possess a magnetic moment of 1 ug/atom. Spin-polarized (SP)
DFT is thus used in the equation of state (EOS) and cohesive energy calculations for the BCC and FCC
structures. SP-DFT is important to obtain accurate cohesive energy of Li. In Bulk Li, no magnetic moment
is observed and the spin-unpolarized DFT is used. A tilted-cell method is used to calculate the generalized
stacking fault y-lines. The supercell vectors are shown in Table 1. The details of the tilted-cell method
are described in Refs [31-34]. Surface decohesion energy is calculated by incrementally increasing the
planar separation d across the selected plane with all ions fixed. For the surface decohesion calculations,
the supercell vectors are also shown in Table 1.

2.2. Modified embedded-atom method

The modified embedded-atom method (MEAM) was first proposed by Baskes [11, 12, 35, 36]. In
MEAM, the total energy of a system is written as

1
E= ) |Fip)+ 5 ) du(RyST. (1)

J#

where p; is the background electron density at site i, F; denotes the energy of embedding atom i into the
background electron density p;, ¢;; and R;; are the pair interaction function and distance between atom i
and j, S?j is the multi-body screening function. The outer summation is over all atoms in the system. The
contribution of electron density to p; and the inner summation include all neighboring atoms of i within
a cutoff distance. The electron density p; have both a spherically symmetric electron density term and
angular-dependent terms. The above functions have analytical expressions with 15 adjustable parameters
for a pure element. The MEAM has been widely applied to develop interatomic potentials for various
materials, including metals and alloys, as well as semiconductors. Its derivation has been well described
in various references (e.g., Ref. [36]). Here, we omit the details, but focus on the fitting procedures, as
described below.

2.3. Parameter optimization

For a pure element, developing an MEAM interatomic potential is a complex optimisation problem in
15-dimensional space. In the standard MEAM, all functions are analytical and accuracies of interatomic
potentials lie in several key aspects. First, the dataset used for optimising the parameters must include
material properties most relevant to the intended application. For thermodynamic and mechanical behav-
ior, the relevant properties include lattice parameter, cohesive energy, equation of state, elastic constants,
generalized stacking fault and surface decohesion energies, and vacancy formation energy (Table 2). In the
current work, these properties are determined using DFT calculations (see Section 2.1) or extant experimen-
tal values, and are used as target properties ¢#; in the potential fitting process. Second, the algorithm used
for optimising potential parameters has to be robust and efficient so that a wide range of parameter space
can be searched. We used the PSO algorithm to address this. Third, the target properties provide more data
points than the number of variables/degrees of freedom in the potential functions, making the optimisation
problem an over-determined system. Interatomic potentials are unlikely to be able to accurately reproduce
all target properties. We thus defined an objective function as

n 2
_ |pi—t
DX

where p; is the property of the candidate potential and w; is the weight assigned for each property. Each
property is also normalized by the respective target property. The weightage need to be established through
3
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a few trial and error runs. In the current work, high weightage is assigned to the cohesive energies and
elastic constants of the FCC, HCP and BCC phases.

Table 2: Weights assigned to individual properties in fitting the interatomic potential parameters via the PSO algorithm.

Structure Lattice  Cohesive Equation Elastic  Surface Surface Vacancy Stacking fault
parameter energy of state  constant energy decohesion energy formation energy energy
ap E. EOS Cij o Edeco Ef Vst
BCC 10* 10* 10* 500  10* ({110}) 10* ({110}) 10° 10° ({110}),
5% 10 ({112)),
10°({123})
FCC 104 104 - 500 - - - -
HCP 10* 10* - 1 - - - -

In the potential parameter optimisation process, we first generated 12,800 candidate potentials within a
predefined parameter space. Each interatomic potential is treated as a particle with 15 degrees of freedom
within the PSO algorithm. The parameters in MEAM are thus the coordinates of the particle in the PSO al-
gorithm. The properties p; of each candidate potential are calculated by calling LAMMPS and the objective
function f is computed. All parameters of potential candidates/particle positions x ;. are updated based on
their current position x; and updated velocity v, as

Xji1 = X + Vi 3

where
Virl = WV + ¢,rp(Pj — X)) + dere(g; — X;) €]

where p; is the local best position and g; is the global best position, which are determined by the objective
function in Eq. 2. The parameters w, ¢, and ¢, could have effects on the overall optimisation performance,
such as the convergence rate. Here we set all three parameters conservatively to 0.5. r, and r, are random
numbers in the range of [0, 1]. The initial particles positions and velocities are randomly assigned within
the parameter space.

In the optimisation process, all parameters evolve through iterations as in a regular PSO process. The
optimisation completes either when the objective function is below a threshold value or the maximum
number of iteration is reached. The weights and parameter space used in this work are provided in Table 2
and 3. In the current study, relatively good potentials can be obtained after 15 iterations.

2.4. Calculations of dislocation core structures and glide behavior in the BCC structure

We use the cluster method to determine the ground state structure of the ag/2(111) edge and screw
dislocation cores, where qy is the lattice parameter of the BCC lattice. Two cylindrical supercells of radius
~92 A are first constructed with a BCC lattice oriented as (x — [111], y — [112] and z — [110]) for the screw
dislocation and (x — [112], y — [111], and z — [110]) for the edge dislocation, respectively. The cylinder axis
is always aligned in the x directions and is periodic while other two directions are treated as free surfaces.
The supercell lengths (cylinder heights) are V3ao and V6a in the x—direction and the supercells contain
7740 and 10938 atoms for the screw and edge dislocation cases, respectively. Dislocations are introduced by
applying the atomic displacements of the anisotropic elastic displacement field of the corresponding Volterra
dislocations at the cylinder center. Atomic structure optimisation is carried out using a conjugate gradient
algorithm with atoms within ~12 A from the cylinder outer surface fixed to their elastic displacements.
Convergence is assumed when the atomic forces drop below 1078 eV/A.

Dislocation glide behavior is studied using a periodic array of dislocation (PAD) configuration. We first
create a supercell of dimensions (Ly, Ly, L;) = (\/gao, 48 \/an, 41 \/an) and fill the supercell with a BCC
lattice oriented as (x — 1/2[111],y — [112],z — [110]). Periodic boundary condition is applied in the x and y
directions and the z direction is treated as traction-controlled surface. The supercell contains 23616 atoms.
The screw dislocation with line direction in the x-axis is introduced by applying the displacement field of the
corresponding Volterra dislocation at (L, /2, L./2). A homogeneous shear strain of &,, = |b|/2 = \/§a0/ 4 is
applied to the supercell to account for the plastic strain of the screw dislocation [37]. A shear stress o, is
created by adding forces in the x direction on atoms at the traction-controlled surfaces, i.e., ~12 A from the
upper and lower surfaces.
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2.5. Calculations of lattice parameter and elastic constants at finite temperatures

At finite temperatures, lattice parameters at and elastic constants Ct are calculated by time-averaging
individual properties with a Nosé-Hoover thermostat as implemented in LAMMPS [22]. In particular,
we first constructed a fully periodic supercell of perfect crystal. The supercell dimensions are at least
6 nm X 6 nm X 6 nm. The supercell is first equilibrated for 40000 time steps (i.e., 40000 femtoseconds/fs)
under stress-free conditions and at respective temperatures using MD simulations with an NPT ensemble.
Following equilibration, the simulation box size is measured by averaging its instantaneous size taken at
every other time step for 4000 fs under the same NPT ensemble. The lattice parameter is obtained from the
simulation box size divided by the number of repeating units. The final lattice parameters reported are the
mean value of 10 measurements.

The elastic constants are obtained in a similar, time-averaging scheme. In particular, the same supercell
is equilibrated for 16000 time steps under stress-free conditions, followed by applying a 1% strain in
one of the strain components (g1, €22, £33, €12, €13, €23). The system is equilibrated again for 16000 time
steps using an NVT ensemble with the strain applied. The resulting stress is then measured by averaging
the instantaneous stress values taken at every other time step for 4000 time steps under the same NVT
ensemble. The final elastic constants are obtained as the mean value of stress divided by the applied strain
measured in positive and negative strains.

2.6. Calculations of phonon dispersion relations

The phonon spectra is calculated using PHONOPY [38] and phonoLAMMPS [39]. A supercell of
8[100] x 8[010] x 8[001] is used for the BCC and FCC structures. The 3N X 3N force matrix (V is the total
number of atoms) is first computed using phonoLAMMPS and then used as inputs for Phonopy to obtain
the respective phonon spectra.

2.7. Calculations of free energy

The free energies of individual phases are calculated using a non-equilibrium version of the Hamiltonian
integration method [40, 41] based on the adiabatic invariance principle [42, 43] and Jarzynski’s equality [44]
(for details, see Refs. [41, 45]). In the integration, the Hamiltonian of the system is varied continuously from
the initial state H; to the final state H, along a path described by a coupling function A(¢). The Helmholtz
free energy difference AF between the two states can be estimated from the total work done W given as [44]

(%L BH(A)
W= fo a5 5)

where t, is the switching time and A is the time derivative of A. For an infinitely long switching time ,
AF is simply equal to the total work done. For any finite £, the work done becomes a stochastic variable
that depends on microscopic initial conditions, and will on average be larger than the free energy difference
due to dissipation. For finite 7, the relation between the free energy difference and total work done can be
written as

AF = F/ — F' = W,_; — E9, (6)

where the overbar denotes the average over an ensemble of different initial states, and E4'** is the dissipation
due to irreversibility caused by finite switching time. Fortunately, the dissipation can be estimated by [46]

o 1 - _
Es = S Winy + Wil (7)

where W, s is the work done during forward switching from the initial state to the final state and W;_,; is
the work done during backward switching from the final state to the initial state. An unbiased estimate of
the free energy difference is then

. . 1 _ _
AF = FI = F' = S[Winy = Wyl (8)

In the current work, two particular switching paths, namely, Frenkel-Ladd (FL) path [47] and Reversible
Scaling (RS) path [48], are used to calculate the temperature dependence of the free energies of FCC, BCC
and HCP Li single crystals. The Hamiltonians in the FL and RS paths are

Hp [AD] =[1 - /l(t)]Hpot + A()HEinstein, and 9

Hgs[A(1)] = K + A(H)U, (10)
5
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where Hp is the Hamiltonian of the potential/real system, Hginstein is the Hamiltonian of the Einstein Crystal
(EC), K is the kinetic energy and U is potential energy. The FL path switches the actual system into the EC.
Since the free energy of EC is known analytically, the absolute free energy of the system at any temperature
can be obtained. The RS path makes a clever choice of the switching path such that the free energy of every
intermediate state is related to the free energy of the actual system at another temperature (7/4). In this
way, a continuous variation of the free energy with respect to temperature can be obtained efficiently in a
single simulation.

In the above free energy calculation, MD simulations are performed with a time-step size of df = 1
fs. We use a fully periodic simulation cell of perfect crystals and dimensions of ~5 nm X 5nm X 5 nm
(~7000 atoms). The system is first equilibrated at selected temperatures for 100,000 time steps before both
forward and backward switching processes. The switching time for the FL and RS paths are 0.2 ns and 2
ns respectively. Three independent calculations with different initial velocity realizations are performed for
each case to estimate and reduce statistical errors. With the above simulation setting, both the dissipation
error and the statistical error are kept well below 0.1 meV/atom.

3. Results

3.1. Parameters of MEAM interatomic potentials

Table 3 shows the optimised parameters of the new interatomic potential for Li. In addition, we have
provided the parameter files in LAMMPS format in the supplementary materials for direct applications by
interested readers.

Table 3: Parameter space and optimised value of the new MEAM interatomic potential for Li developed in this work.
@ ﬁ(o) B( D 18(2) ﬁ(3> e @ & A Cmin ~ Crmax drepuls dattrac re Ar
Upper limit 32 3 2 5 45 5 4 1 1.3 0.8 35 015 0.1 8 5.5

Lower limit 29 1 0 3 2 4 3 0 0.8 0 22 0.1 -0.1 6 3
Optimised value 3.142 1.785 1.254 4.594 2940 4.128 3.369 0.267 1.011 0.0006 2.728 0.080 0.005 6.652 4.047

3.2. Basic properties of lithium

We first compare some basic properties of the new interatomic potential with corresponding values from
DFT calculations and experiments. Since our goal is to produce a potential accurate for thermodynamic and
mechanical behavior of Li, we focus its benchmark with the Ko potential while omitting others. Table 4
shows an extensive set of properties of Li in BCC, FCC and HCP structures. Figure 2 shows a summary
of key properties. For all three structures, the new potential accurately reproduces the lattice parameters,
cohesive energies, elastic constants and surface energies. For the new potential, all three structures satisfy
the Born criteria [21] as in DFT, i.e.,

cubic : Cj; > Cy2;C11 +2C12 > 0;Cyq > 0; and
hexagonal : Cy; > |C12];2C%; < C33(Cyy + C1a); Cay > 0.

Figure 2: Basic properties of Li in FCC, HCP and BCC structures. The orange dashed lines are DFT/experimental values used as
references. The gray dotted lines are relative offsets from the reference values. Some properties of the Ko potential are outside the
plotting range. See Table 4 for the definitions of symbols and respective absolute values.
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Table 4:  Properties of lithium in BCC, FCC and HCP structure. The table compares the lattice parameter a (A), cohesive energy E.
(eV/atom) and difference AE. (meV/atom), elastic constants C;; (GPa), surface energy o (mJ/m?2), and vacancy formation energy Ey (eV)
among the experiment/DFT values, the new and the Ko potentials. In the 4th column, experimental values are shown with upright font and
DFT values are in italic font.

Structure Property Experiment/DFT This work Ko
a 0K 4.324 [49], 4.3305 * 4.347 4.298
300 K 4.388 [50] (298 K under pressure) 4418 N.A.b
E. —1.6066 [18], —1.6106 * -1.63078 -1.6485 [18]
Cyy 16.22 [1] 16.02 13.45
FCC Cij Cia 12.51[1] 12.13 15.09
Cyq 1043 [1] 10.92 10.61
o {110} 530 [51] 521 516
{111} 500 [51] 464 478
E, 0.6 [52] 0.471 0.666
P 0K 3.058 [49], 3.078 [53] 3.075 3.033
300 K 3.111 [50] (298 K under pressure) 3.124 2.988
cla 0K 1.599 [53] 1.631 1.648
300 K 1.632 1.638
E. -1.6063 [18], -1.906 [53] -1.63073 -1.6478 [18]
AEHCP-FCC 0.3[18] 0.05 0.74
Cii 22 [54] 21.16 14.15
HCP Cip 11 [54] 12.85 22.26
Cij Ci3 8 [54] 6.33 6.38
C33 26 [54] 27.62 171.79
Cys 6 [54] 4.38 2.76
{0001} 520 [51] 463 480
o (1010} 530 [51] 483 507
(1120} 510[51] 514 510
E, 0.63 [52] 0.940 1.023
a 0K 3.44 [55], 3.436 [17], 3.438 18], 3.4396 * 3451 3419 [18]
300K 3.51 [56] 3.506 3.477
E. —1.63 [57], —1.61 [55], —1.605 [18], —1.6091 * —-1.63024 —1.647 [18]
AEBCCFCC 158 0.54 1.5
BCC Ciy 14.54 [58], 16.4 [18], 15.04 [1] 16.68 16.20 [18]
Cij Ciz 12.16 [58], 15.5 [18], 13.23 [1] 12.57 13.50 [18]
Cyq 11.58 [58], 8.5 [18], 11.14 [1] 11.25 8.60 [18]
{110} 522 [59], 487 [18], 500 [51] 498 474 [18]
o {112} 540 [51] 513 526
{123} 530 [51] 516 514
E, 0.34 [60], 0.481 [18] 0.383 0.468 [18]

# Calculated by DFT in this work.
b For the Ko potential [18], the FCC structure is not stable at finite temperatures.
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For the new potential, FCC is the ground state while HCP and BCC are metastable at 0 K. The cohesive
energy differences AE. are small (0.5 meV/atom) and at the accuracy of DFT calculations. However,
this small AE. is essential and controls the phase transition from FCC to BCC at higher temperatures
(discussed below). The potential also predicts a wide range surface energies not included in the fitting
dataset (except {110}gcc). In general, the Ko potential also has accurate properties comparable to the new
potential. However, its elastic constants are less accurate in all three phases.

3.3. Equation of state
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Figure 3: Cohesive energy as a function of lattice parameter. (a) FCC and (b) BCC. In DFT, the cohesive energy has an abrupt change
between 1.6ap and 1.7ag as Li atoms become spin-polarized. The Ko potential [18] has a similar abrupt change due to the cutoff in
interatomic interactions.

Figure 3 shows the cohesive energy as a function of lattice parameter, i.e., Equation of state (EOS). We
focus on the FCC and BCC phases and compare the new potential with DFT and the Ko potential. For both
structures and near the equilibrium lattice spacing (Aa = +30%ay), the new potential accurately reproduces
the EOS curves, so does the Ko potential. The DFT results show an abrupt change in the cohesive energy
between 1.6-1.7aq as individual Li atom becomes spin-polarized due to the unpaired electron in the 2s'
orbital. The energy variation becomes smooth again beyond 1.7ay. The Ko potential also exhibits abrupt
energy changes. However, this rapid changes in energy are due to atom separation reaching the cutoff
distance of the interatomic potential. While it may appear to be consistent with DFT, the un-smooth change
in energy has un-physical impact on other properties/processes when atom separations are increased beyond
the cutoff distance, as discussed below. The new potential, however, has smooth variation in energy in the
entire range. The classical MEAM does not contain magnetism, which becomes important only when Li
atoms are well-separated individually. However, this shortcoming does not affect other properties related to
thermodynamic and mechanical behavior in general.

3.4. Surface decohesion

Surface decohesion energy and its gradient give the energy and cohesive stress variation during atomic
plane separation. This property is important for accurate modeling of material fracture behavior. Figure 4
shows the surface decohesion energy and its gradient for 4 planes of the BCC structure in comparison with
DFT and the Ko potential. The DFT data for the {110} plane is included in the potential fitting dataset while
the rest are used for validation. Overall, the new potential reproduces the energy variations, their gradients
and peak values well. The Ko potential also has relatively good matching with DFT data. However, it has
relatively sharp changes in energy in all 4 cases, leading to un-physical jumps in the gradient/stress at large
planar separation. The rapid change in energy/stress is due to the cutoff function in atomic interaction used
in the potential, as seen in earlier works as well [61]. This can be addressed by using an extended cutoff
smoothing distance Ar, as used in the current new MEAM potential.

3.5. Generalized stacking fault energy

The generalized stacking fault energy line and surface (y-line/surface) give the energy variation during
slip processes along atomic planes. The y-line/surface profile dictates the energy barrier to nucleate dislo-
cations and their corresponding core structure/dissociation. Figure 5 shows 7y-lines in the (111) direction
on the {110}, {112} and {123} planes in the BCC structure. The {110} plane has the lowest unstable stack-
ing fault energy 7,5, while the {112} and {123} planes have nearly the same y,s. All y,s on these planes
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Figure 4: Surface decohesion energy curves of the {110}, {112} and {123} planes in the BCC structure. The Ko potential [ 18] exhibits
abrupt change in decohesion energy and its gradient in all cases due to the cutoff in interatomic interactions.

are much lower than those of transition metals. However, this is not surprising, given the much lower
elastic constants of Li (e.g., on the {110} plane, Y4 ~ 0.07 J/m? vs y¥ ~ 1.7 J/m?, Ch ~ 11.2GPa vs

CXZ ~ 140 GPa). The new potential reproduces all the y-lines and has the same order of y, as that in DFT,

{110} {123

i€, Yus < Yus < yfllsm. Overall, it has better agreement with DFT than the Ko potential.
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Figure 5: Generalized stacking fault energy (y) lines of the {110}, {112} and {123} planes in the BCC structure. The y-lines are
calculated by fixing atoms within the slip plane (x — y-plane) but allowing out-of-plane (z-direction) relaxation. The new MEAM
potential has better agreement with DFT. On the {112} plane, structure change occurs during the shear and relaxation process in the
Ko potential and the final energy is slightly higher than that of the perfect crystal.

Figure 6 shows the y-surfaces of the {110}, {112} and {123} planes in the BCC structure. No meta stable
stacking fault is seen in any of the three potential slip planes. The {110}-plane y surface is also quantitatively
similar to that calculated by DFT [9]. Furthermore, all the y-surfaces are qualitatively similar to those of
BCC transition metals. However, on the {110} plane, the low energy valley are more extended in the (110)
direction, which has subtle effects on dislocation core structures, as discussed below.

3.6. Twin boundary structures and energies

Twinning can potentially be an important deformation mechanism in FCC and BCC Li. We therefore
determine the twin boundary structures and energies using DFT calculations and the current interatomic
potential. Figure 7 shows the {111} and {112} coherent twin boundary structures in FCC and BCC. In all
the cases, the boundary structures are nearly identical between DFT and MEAM. In the FCC structure, the
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Figure 6: Generalized stacking fault energy () surfaces of the (a) {110}, (b) {112} and (c) {123} planes calculated by the new MEAM
interatomic potential. The arrows indicate the shear displacement from one perfect crystal structure to the next one.
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Figure 7: Coherent twin boundary structures in FCC and BCC Li calculated by DFT and the new MEAM potential. (a-b) (112){111}
twin with a reflection symmetry about the {111} plane in the FCC structure. (c-d) Symmetric (111){112} twin with a reflection
symmetry about the {112} plane in the BCC structure. (e-f) The isosceles (111){112} twin boundary structure in the BCC structure.
Atoms are colored based on their local atomic structure identified by the common neighbor analysis (CNA [62]): FCC-green, BCC-
blue, HCP-red, others-white.
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new potential has the twin interface energy yi\]v”

by DFT. The current potential thus underestimates y/\'"", largely due to its small AENCPFCC a5 compared
to the DFT value (Table 4). Between the current MEAM potential and DFT, the discrepancy is relatively
large in percentage wise, but the absolute value is small and at the boundary of DFT accuracies. In the BCC
structure, the (111){112} twin boundary exhibits two structures: a pure reflection structure (Fig. 7c-d) and
an isosceles structure (Fig. 7e-f) as first proposed by Vitek [63]. Similar structures have also been reported
in BCC transition metals [64]. The current MEAM potential has yi\i/lfe}f = 21.96 mJ/m? and yi] 12l —21.75

W iS0S

b= 0.1 mJ/m?, lower than yi”” = 0.27 mJ/m?2 predicted

w

mJ/m?, while DFT calculations predict yivlv]rze}f = 20.67 mJ/m? and 7&]305 = 20.50 mJ/m?, respectively.
For Li, the symmetric reflection twin boundary is thus expected to be meta-stable relative to the isosceles
structure. The new MEAM potential thus accurately reproduces the twin boundary structure, energy and
their meta-stability in the BCC structure. These twin boundary structures are not in the potential fitting

dataset, but the energy differences are only ~6%, further suggesting the robustness of the current potential.

3.7. Thermal expansion

Figure 8 shows the lattice parameter as a function of temperature for the new potential in comparison
with experimental/DFT values and the Ko potential. For the Ko potential, the FCC structure is not stable
even at 4 K when using a 16 x 16 X 16 supercell. The new potential has stable or meta-stable FCC structure
within 0 K —450 K. It slightly overestimates the FCC lattice parameter by ~0.6%. Both potentials are stable
in the BCC structure within 0 K — 450 K. At low temperatures of 0 — 20 K, The Ko potential has relatively
large coefficient thermal expansion (CTE) (et = 1/a(da/dT)) while experimental values suggest ar — 0
as T — 0 (dictated by the 3rd Law of Thermodynamics). The new potential has nearly constant a since
it is based on classical mechanics and neglects quantum mechanics effects. The potential, however, has
accurate lattice constant of the BCC structure at room temperatures. The measured ay are in a range of 40
—70 x107% K~! below 400 K, close to the experimental value of 56 x107® K~! [65]. Above 400 K (~0.9
Twm), at is more scattered due to limited sampling close to the melting point. Above 500 K, both the FCC
and BCC structures are not stable and transform to a liquid structure using the new potential. Overall, the
new potential accurately reproduces the lattice parameters across the entire temperature range of Li solid
phases.

FCC BCC
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Figure 8: Lattice parameters as a function of temperature of the (a) FCC and (b) BCC structure. The dashed lines are the coefficients
of thermal expansion calculated with the new MEAM interatomic potential. The experimental data in (b) are based on Ref. [66] and
0-K value is extrapolated (see Ref. [66]). For the Ko potential, the FCC structure is not stable.

3.8. Elastic constants as a function of temperature

Figure 9 shows the elastic constants of the potential as a function of temperature in comparison with
experimental/DFT values and the Ko potential [18]. The new potential exhibits thermal softening in both
the FCC and BCC structures. For the BCC structure, all elastic constants are close to extant experimental
values between 77 K and 200 K. Above 470 K, its shear modulus Cy44 drops to 0, indicating its melting point
is close to 470 K, in agreement with the experimental melting point of 454 K. The Ko potential shows rapid
drop in elastic constants from 0 K to 10 K, followed by a gradual increasing of elastic constants from 10 K to
75 K, nearly temperature-independent elastic constants between 75 K to 300 K and thermal softening above
300 K. Its elastic constants Cy44 are also much lower than the experimental values. The elastic constants of
the Ko potential in the FCC structure are not calculated since the FCC structure is not stable.
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Figure 9: Elastic constants of the (a) FCC and (b) BCC structures at finite temperatures. Experimental and DFT data are from
Refs. [67-69] and Ref. [54], respectively.

3.9. Phonon dispersion relations

Figure 10 shows the phonon-dispersion relation of the new potential in comparison with DFT results [1]
and the Ko potential. For the BCC phase, both potentials have good matching with DFT at low to medium
frequencies in all directions. In particular, quantitative agreement is seen around the I" point, indicating
accurate elastic constants of the BCC phase. At higher frequencies in the N, H, and P directions, the Ko
potential is more accurate when compared to DFT values than the new interatomic potential. For the FCC
phase, the Ko potential has good agreement with DFT at all frequencies. However, it exhibits modes with
imaginary frequencies around the I" point, suggesting the mechanical instability of the FCC structure in the
Ko potential (i.e., Cj, > Cj;). Both DFT and the new potential do not exhibit such modes.

3.10. Dislocation cores in BCC structures

Figure 11 shows the (111)/2 edge and screw dislocation cores in BCC structures of Li. The edge
dislocation adopts a non-dissociated core with some spread on the {110} plane, which is consistent with
no meta-stable stacking fault seen on this slip plane (Fig. 5). The edge core width is ~10 A based on
the Nye tensor analysis [70, 71]. This core is also qualitatively similar to those of transition metals [71].
The screw dislocation adopts a degenerate core structure as shown in Fig. 11b. The degenerate core has
a (111)-axis threefold symmetry and has been observed in BCC transition metal alloys [72, 73]. Two
variants with identical energy, D; and D5, can be generated by a two-fold rotation along the [101]-axis.
The degenerate core is distinctly different from the non-degenerate core which possesses both a (111)-axis
threefold symmetry and a (110) diad axis symmetry seen in all BCC transition metals. The degenerate-core
exhibited by the new potential is similar to the core structure calculated by DFT and is fully consistent with
a new physics-based y model (see Ref. [9] for details).

We further investigate the gliding behavior of the screw dislocation under a shear stress of 20 MPa and
at a low temperature of 4 K. The glide behavior is similar at higher temperatures, but is less distinguishable
at each critical configurations. Figure 12 shows the trajectory of the screw dislocation and intermediate
core structures. Starting from the D; core (Fig. 12b), the screw dislocation glides along the (110) plane to
the next easy-core (D, Fig. 12d) via an intermediate split core configuration (Fig. 12c). Subsequently, the
D, core glides along the (101) plane via another split core (Fig. 12e) and reaches the D, core configuration
(Fig. 12f). The D, and D, cores thus glide on alternative {110} planes, yielding a composite glide behavior
with average glide plane along {112} planes. The choice of the respective {110} glide planes is dictated by
the variants of the degenerate core and the direction of the applied driving stress. Equivalently, the D; core
can glide on the (011) plane (Fig. 12a) to reach a D, configuration, which glides further on a (101) plane,
creating another set of composite {112} glides. The above glide behavior is fully consistent with that of
degenerate core seen in BCC transition metal alloys [9, 74].

3.11. Free energies of FCC, BCC and HCP structures

Figure 13 shows the relative free energies of FCC, BCC and HCP Li as a function of temperature under
zero pressure in comparison with DFT-based calculations [75]. For the current potential, the free energies
are calculated using the non-equilibrium Hamiltonian integration method with two different paths (FL and
RS, see Section 2.7). The two different paths yield nearly identical results; the differences are on the order
of 1072 meV/atom and the accuracies are sufficient for us to determine the relative stability of all three
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Figure 10: Phonon spectra of (a) the BCC and (b) FCC structures calculated by the new MEAM interatomic potential and the Ko

potential [18]. The DFT data are from the work of Ackland et al. [1]
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Figure 12: Gliding of the screw dislocation core under a shear stress of 20 MPa at 4 K. (a) Trajectory of the screw dislocation. The
orange solid line represents the path of the core and each point is the core center determined by the Nye tensor screw component
a31 [71]. The green dashed line is a schematic illustration of the alternating {110} slip with an average {112} slip. The respective cores
(D1, S, Dy) are shown in (b-f).
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solid phases. This is perhaps largely due to the fact that all three phases are at least metastable in the entire
temperature range.

The free energy calculation shows that FCC is the thermodynamic stable phase at low temperatures.
The energy difference between the BCC and FCC phases AGBCCFCC generally decreases with increasing
temperature and the BCC phase becomes the thermodynamic stable phase at 247 K, which is close to the
phase transition temperature of 233 K from DFT-based calculations. The BCC phase is stable afterwards
and upto the melting point of ~470 K as determined based on the criterion of C44 = 0. The HCP phase
is always metastable relative to the FCC phase throughout the entire temperature range. The free energy
difference between the HCP and FCC phases increases with increasing temperature. Its free energy is in
between the BCC and FCC phases upto 180 K where the BCC phase becomes more favorable relative to the
HCP phase. We note that AGBC“FCC of the new potential is close to that of DFT-based calculations between
150 K and 350 K. The discrepancy becomes larger at lower temperatures, particularly below 150 K where
quantum mechanics effects become important (the Debye temperature of Li is 335 K). Since the classical
interatomic potential does not contain quantum mechanics information, it naturally does not capture this
low-temperature behavior.

3.12. Phase transformation in temperature cycling

Li exhibits allotropic phase transformation among the BCC, FCC and rhombohedral 9R structures at
different temperatures. Such phase transformations have been previously demonstrated using the Ko po-
tential and in the work by Ackland et al [1]. We have repeated MD simulations under temperature cycling
with the same thermodynamic conditions and supercell dimensions as that used by Ko et al [18]. The Ko
potential does show phase transformations as described in Ref. [18] However, phase transformation is not
seen in MD simulations using a larger supercell dimension of 4.4 nm X 4.4 nm X 19.9 nm. Furthermore,
the FCC phase is not stable even at low temperatures (e.g., 10 K) during measurements of lattice parameter
and elastic constants (see Section. 3.8). Therefore, the phase transformation exhibited by the Ko potential
may be very sensitive to simulation conditions, such as supercell sizes, and may not reveal the true physical
behavior of Li.

To demonstrate phase transformation of the current potential, we use a larger, fully periodic simulation
supercell of dimension 10 nm X 10 nm x 5 nm. The supercell is populated with 15 randomly oriented grains
of FCC Li. We used a relatively small supercell with a polycrystalline microstructure since all three crystal
structures (FCC, BCC and HCP) are mechanically stable (Table 4) and solid-to-solid phase transformation
via homogeneous nucleation may not be practical within a few nanoseconds in MD simulations. The
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Figure 14: (a) Evolution of atomic volumes during thermal cycling started with an FCC polycrystal (i) at 4 K and ramped to 350

optimized structures following 50 steps of conjugate gradient energy minimization are shown to better illustrate the corresponding
crystal structures at relatively high temperatures. Atoms are colored based on their local atomic structure identified by the common
neighbor analysis (CNA [62]): FCC-green, BCC-blue, HCP-red, others-white. The FCC structure transforms to BCC at 300 K during
temperature ramping. The BCC structure transforms to a FCC/HCP composite structure at 180 K during cooling.

grain boundaries thus provide heterogeneous nucleate sites with lower nucleation barriers, enabling explicit
demonstration of the phase transition.

MD simulations are started at 4 K and the temperature is first ramped to 350 K at 125 K/ns, followed
by decreasing to 4 K at the same rate and under zero stress conditions. Figure 14 shows the atomic volume
and structure as a function of temperature during the above thermal cycling. FCC Li is stable at low
temperatures and starts to transform to the BCC phase at 300 K. The transformation nearly completes with
most atoms having BCC local atomic structures at 350 K. During the transformation, the initial nanoscale
polycrystalline microstructure has also undergone substantial grain boudary migration and grain coarsening.
Note that some local regions of FCC structure remained and may have served as the nucleation seeds for
the BCC to FCC transformation during the cooling cycle. Along the cooling path, the transformed BCC
phase is stable upto 200 K and then starts a relatively quick transformation to a structure characterised by a
combination of FCC and HCP structures (ABC and AB stacking sequences). This composite structure is a
single crystal structure similar to those obtained by Ko et al. [18]. The exact stacking sequence depends on
the simulation cell dimension, shape and thermal paths. In addition, the phase transformation exhibits some
hysteresis with mean transition temperature at 250 K, in perfect agreement with the phase transition point
determined by free energy calculations (Fig. 13). The current new interatomic potential thus can reproduce
several phase transitions similar to those in experiments [1], although the transition temperatures are higher.

4. Discussion and Conclusion

We have used the PSO algorithm to develop a new interatomic potential for Li, using the classical
MEAM. Given the complex thermodynamic behavior of Li, properties of all three fundamental solid phases
(FCC, BCC and HCP) are used as target properties during the fitting process. This approach has led to an
accurate interatomic potential able to reproducing nearly all basic properties of Li, both inside and outside
the fitting dataset. The classical MEAM has advantages in several aspects, such as high computational
efficiency, ease of use and tunability. Through the extensive testing and validation, the new potential is
shown to be suitable for modeling many thermodynamic and mechanical properties of Li in multiple phases
and across a wide range of temperatures. The potential applications include study of plastic deformation and
fracture in the BCC phase, martensitic phase transformation between the BCC and HCP/FCC structures,
diffusion and deposition processes. The success in modeling multi-phase properties is perhaps largely due
to the relatively simple electronic structure of Li, which is seen in the Ko potential as well.

The current accurate potential for pure Li has also established a firm foundation for developing po-
tentials for alloys, such as the Al-Li and Mg-Li classes of technological importance. The same approach
may be extended to other alkaline metals such as K and Na, which share similar features such as relatively
simple electronic structure and small energy differences between the FCC and BCC phases. The current
potential exhibits shortcomings on some properties at low temperatures relative to experiments and DFT.
For example, the energy difference AEBCCFCC between the FCC and BCC phases is smaller than that of the
corresponding DFT value. Lower AEBCFCC i5 chosen to produce the phase transition at a temperature as
close to the experimental value as possible. Despite this effort in the fitting process, the current potential has
a BCC-to-FCC phase transition point of 247 K similar to that of DFT-based calculations, while experimen-
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tal studies generally suggest the BCC phase is not stable and transforms to a meta-stable 9R phase below
150 K [76]. Such deficiencies largely arise from the fact that phase transition temperatures depend on the
free energy differences among competing phases and are sensitive to material models, making interatomic
potential development particularly challenging for multiphase materials (see, e.g., Ref. [77]). Nevertheless,
the BCC-to-Liquid phase transition point is accurately reproduced by the current MEAM potential. The
low-temperature deficiencies are exhibited in other properties as well. The MEAM potential, like most
others, exhibits positive slope (negative entropy) in the Gibbs free energy vs temperature relation at low
temperatures (not shown). It has a non-zero coefficient of thermal expansion et when the temperature ap-
proaches 0 K, while the third law of thermodynamics dictates et — 0 as T — 0 K in all materials. Such
deficiencies may thus be a true manifestation of the limitations of classical mechanics at low temperatures.
Further optimization of the MEAM potential may lead to a better BCC-to-FCC transition temperature and
reproduce the low-temperature transition point phenomenologically.

The path towards multi-phase interatomic potentials is obviously more challenging for transition metals,
and will require further development in the interatomic potential formulation. The current fitting procedure,
such as including multiple phase properties in the fitting dataset and employing an automated parameter
optimization algorithm, is general and robust. This approach has been applied to the development of a
new interatomic potential for the BCC transition metal vanadium. Our preliminary results show again the
robustness and transferability of the MEAM formulation. These new results will be reported separately in
a future work.
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